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Effect of Internal Interfaces on Hardness and Thermal Stability
of Nanocrystalline Ti0.5Al0.5N Coatings
D. RAFAJA, C. WU¨STEFELD, C. BAEHTZ, V. KLEMM, M. DOPITA,
M. MOTYLENKO, C. MICHOTTE, and M. KATHREIN
The eﬀect of microstructure on the thermal stability and hardness of the cathodic arc
evaporated Ti0.5Al0.5N coatings was investigated with the aid of the in-situ high-temperature
X-ray diﬀraction experiments, which were accompanied by high-resolution transmission
electron microscopy (HRTEM) and nanoindentation measurements. The microstructure of the
coatings was modiﬁed through the choice of the bias voltage in the deposition process. It was
found that the bias voltage aﬀects strongly the uniformity of the local distribution of titanium
and aluminum in the coatings. The nonuniform distribution of the elements contributes to the
formation of lattice strains at the crystallite and phase boundaries. The lattice strains at the
crystallite boundaries increase the hardness of the coatings; the lattice strains at the phase
boundaries improve their thermal stability. A certain nonuniformity of the distribution of the
metallic species in the coatings is regarded as advantageous. However, a great nonuniformity in
the distribution of the metallic species accelerates the degradation of the coatings at high
temperatures. As a measure for the nonuniformity of the distribution of the atomic species
in the as-deposited (Ti, Al) N samples, the stress-free lattice parameter of fcc-(Ti, Al) N is
suggested.
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I. INTRODUCTION
A good thermal stability of hard protective coatings
is a very important issue, particularly if the coatings
are intended for use in machining applications at
high cutting speeds or for dry cutting.[1] For such
‘‘high-temperature’’ applications, several advantages of
nanocrystalline hard coatings based on the titanium
aluminum nitride are used. The prominent examples of
the beneﬁcial properties of the (Ti, Al) N coatings at high
temperatures are their excellent oxidation resistance
(e.g., References 2 through 4) and the increase of their
hardness after thermal loading up to approximately
1223 K (950 C).[5,6] The frequently reported phenom-
ena, which negatively inﬂuence the hardness of the
(Ti, Al) N coatings at high temperatures, are the
relaxation of the compressive residual stresses[4,7–11]
and the decomposition of the metastable supersaturated
(Ti, Al) N having the fcc crystal structure into fcc-(Ti, Al)
N with lower aluminum contents and into wurtzitic
w-AlN.[12] Moreover, as the hardness of the nanocrystal-
line coatings typically increases with decreasing crystal-
lite size[13] according to the Hall–Petch relationship[14,15]
and as it reaches its maximum at the crystallite sizes of 3 to
4 nm (in the case of the fcc-(Ti, Al) N crystallites, e.g.,
References 16 through 18), the growth of crystallites at
high temperatures can be regarded as an additional factor,
which reduces the hardness of the coatings at high
temperatures.
In our previous publications,[17–19] we have shown that
the hardness of the as-deposited, nonannealed (Ti, Al) N
nanocrystalline coatings and thin ﬁlm nanocomposites is
controlled by an interplay of several microstructural
features such as phase composition, mutual crystallo-
graphic orientation of adjacent crystallites (particularly
at the phase boundaries), lattice misﬁt, lattice strain, and
the formation of defect structures. From this point of
view, the presence of the minor w-AlN separating fcc-
(Ti, Al) N nanocrystallites from each other was regarded
as a factor increasing the hardness of the (Ti, Al) N
nanocomposites. In general, the phase composition of
the (Ti, Al) N nanocrystalline coatings is driven by the
aluminum contents.[5,11,20–22] However, there is a
remarkable spread in the reported solubility limits of
Al in fcc-(Ti, Al) N. This was already concluded by
PalDey and Deevi,[23] who related the maximum con-
centration of aluminum in fcc-(Ti, Al) N to the deposi-
tion conditions. Recently, the bias voltage was discussed
to be a factor inﬂuencing the phase composition of the
as-deposited Ti-Al-X-N coatings with X = Ta and V
(References 24 and 25). In Reference 26, it was shown
that even the distribution of Al in the microstructure of
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the (Ti, Al) N coatings can aﬀect the phase stability of
supersaturated fcc-(Ti, Al) N. Another important issue is
the eﬀect of the strain and surface energy on the phase
stability[27] and on the energetic balance of the decom-
position process.[28]
The main aims of this contribution are description
and explanation of the correlation between the micro-
structure of as-deposited coatings, the microstructural
changes and hardness variations at high temperatures,
and the thermal stability of the coatings. The subjects of
the study were Ti0.5Al0.5N coatings with diﬀerent
microstructures in the as-deposited state, which were
deposited using cathodic arc evaporation (CAE) at two
diﬀerent bias voltages, UB = 40 V and UB = 80 V.
The microstructure analysis of the as-deposited coatings
was performed using a combination of glancing-angle
X-ray diﬀraction (GAXRD) and high-resolution trans-
mission electron microscopy (HRTEM). The goals of
the microstructure analysis were the quantiﬁcation of
the phase composition in the coatings, the determination
of the orientation relationship between adjacent phases,
and the determination of the resulting lattice strains.
The development of these microstructural parameters
at high temperatures was investigated by in-situ
high-temperature–glancing-angle X-ray diﬀraction
(HT-GAXRD) measurements, which were carried out
at gradually increasing temperatures. In order to be able
to follow the eﬀect of the spinodal decomposition[29] on
the preceding microstructural parameters, the samples
were cooled to approximately 373 K (100 C) after each
temperature exposure. Furthermore, this temperature
proﬁle helped us to separate the decomposition-related
microstructural phenomena from the eﬀects of the
thermal expansion.
II. EXPERIMENTAL DETAILS
The Ti0.5Al0.5N coatings were deposited in an indus-
trial scale CAE facility of the Balzers RCS type[30,31]
from cathodes containing 50 at. pct Ti and 50 at. pct Al.
Nitrogen with the pressure of 3.2 9 102 mbar was used
as the working atmosphere. The deposition was per-
formed at 723 K (450 C); the bias voltage was 40 and
80 V for the respective sample series. As substrates,
cemented carbide SNUN type cutting inserts (grade
S40T) were used.
The as-deposited coatings were analyzed by means of
electron probe microanalysis with wavelength-dispersive
X-ray spectroscopy (EPMA/WDS), glow discharge
optical emission spectroscopy (GDOES), GAXRD,
and HRTEM. EPMA/WDS was used to verify the
stoichiometric ratios of the metallic species in the
coatings, i.e., [Al]/([Ti]+ [Al]) and [Ti]/([Ti]+ [Al]).
The EPMA/WDS measurements were performed on a
JXA 8900 RL from JEOL.* GDOES was employed to
check the nitrogen contents in the coatings. These
experiments were performed on a Spectru-Mat 750 from
LECO.** GAXRD was expected to yield information
about the phase composition of the as-deposited coat-
ings and, for the fcc phase, about the stress-free lattice
parameters, the residual stresses, and the crystallite
size. HRTEM was used to verify the phase composition
and the crystallite size that was obtained from the
GAXRD measurements, to assign the crystal structure
of bits of aluminum nitride found in some samples, and
to determine the orientation relationship between
fcc-(Ti, Al) N and AlN at their interfaces.
The laboratory GAXRD experiments on the
as-deposited samples were performed using a D8
Advance diﬀractometer (from Bruker AXS) that was
equipped by a sealed X-ray tube with copper anode, by a
Goebel mirror located in the primary beam, and by a
Soller collimator with the acceptance of 0.12 deg and a
ﬂat LiF monochromator located in front of a scintilla-
tion detector. The LiF monochromator reduced the Cu
Ka2/Cu Ka1 intensity ratio to 0.08. The angle of
incidence of the primary beam on the sample surface
was set to 3 deg. HRTEM was done on a 200 kV
analytical high-resolution transmission electron micro-
scope JEM 2010 FEF (from JEOL), which was equipped
with an ultrahigh resolution objective lens (Cs =
0.5 mm) and an in-column energy ﬁlter. The in-column
ﬁlter improves the quality of the HRTEM micrograph
by removing the in-elastically scattered electrons from
the image.
Changes in the microstructure of the coatings at high
temperatures were investigated by in-situ high-tempera-
ture XRD experiments that were performed at the
Rossendorf Beamline (ROBL) at ESRF in the GAXRD
mode at the wavelength of 0.08857 nm and at the angle
of incidence of the primary beam on the sample surface
of 0.5 deg. For the in-situ synchrotron HT-GAXRD
measurements, a substantially smaller glancing angle
was selected than for the laboratory measurements in
order to keep the penetration depth of X-rays approx-
imately the same as for the laboratory GAXRD
experiments. The in-situ HT-GAXRD measurements
were done at gradually increasing temperatures, as
shown in Figure 1. As a part of the microstructural
changes was expected to be driven by the spinodal
decomposition, one GAXRD measurement at approx-
imately 373 K (100 C) followed each HT-GAXRD
experiment excepting the measurement at 723 K
(450 C) (Figure 1). The heating of the samples prior
to the HT-GAXRD measurement took approximately
30 minutes, each measurement 60 minutes, and the
cooling 30 minutes. After the HT-GAXRD measure-
ment done at 723 K (450 C), the samples were not
cooled. As the coatings were deposited at approximately
723 K (450 C), no microstructural changes were
expected at this temperature. All in-situ HT-GAXRD
experiments were carried out in vacuum; the pressure in
the high-temperature chamber was about 105 mbar.
*JEOL is a trademark for Japan Electron Optics Ltd., Tokyo.
**LECO is a trademark of LECO Corporation, St. Joseph, MI.
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III. RESULTS
A. Phase Composition of As-Deposited Coatings
The crucial microstructure parameter inﬂuencing the
hardness of (Ti, Al) N coatings is their phase compo-
sition (References 17 through 19). Frequently, the phase
composition is concluded directly from the presence or
absence of diﬀraction lines of the respective phase in the
XRD patterns. However, this method of phase analysis
fails in many cases, for instance, if the relative volume of
one crystalline phase is below the detection limit of
XRD, if one of the phases contains a very high density
of microstructure defects, or if the diﬀraction lines
overlap because of the match of the interplanar spacing.
As an auxiliary method for the phase analysis on the
(Ti, Al) N nanocrystalline coatings and thin ﬁlm nano-
composites, the comparison of the measured stress-free
lattice parameter with the lattice parameter as expected
for the respective chemical composition of the coating
was recommended in References 17 and 19. For fcc-
Ti1xAlxN, the ‘‘expected’’ stress-free lattice parameter
can be calculated from the Vegard-like dependence.[19]
a ¼ 0:42418 2ð Þ  0:01432 2ð Þx½  nm ½1
The function of this procedure can be illustrated on
the CAE Ti0.5Al0.5N coatings deposited at UB = 40
and 80 V. In the XRD patterns of both samples
(Figure 2), only reﬂections from fcc-(Ti, Al) N (coat-
ing) and WC (substrate) are visible. Neither the dif-
fraction lines from w-AlN nor from fcc-AlN could be
found. Thus, the XRD patterns were subjected to line
proﬁle ﬁtting in order to obtain exact positions of the
diﬀraction lines and their widths for further analyses.
The ﬁrst indicator of diﬀerences in the microstructure
of the Ti0.5Al0.5N coatings deposited at diﬀerent bias
voltages is the diﬀerent dependence of the lattice
parameters of fcc-(Ti, Al) N on sin2w (Figure 3).[33,34]
The lattice parameters are calculated from the
positions of XRD lines; w is the angle between the
diﬀracting lattice planes and the sample surface. For
GAXRD, w is equal to the diﬀerence between half of
the diﬀraction angle (h) and the angle of incidence of
the primary beam on the sample surface (c), w = h  c.
It can be seen from Figure 3 that the lattice parame-
ters are higher and the slope of the a vs sin2w plot is
steeper in the coating deposited at UB = 80 V than
in the coating deposited at UB = 40 V. From the
linear dependence of the lattice parameters on
sin2w,[33,34]

















Fig. 1—Temperature proﬁle on the samples as used for in-situ
HT-GAXRD measurements. The triangles mark the start and the
end of the respective measurements.













Fig. 2—X-ray diﬀraction patterns of the CAE Ti0.5Al0.5N coatings
deposited at (a) UB = 40 V and (b) UB = 80 V. The line posi-
tion marks are for hexagonal WC (substrate),[32] fcc-Ti0.5Al0.5N,
[19]
fcc-AlN (high-pressure phase from Reference 32), and w-AlN[32]
(from the top to the bottom). These measurements were carried out
on a laboratory X-ray diﬀractometer using Cu Ka radiation.
















Fig. 3—Dependence of the lattice parameters on sin2w, as obtained
for the CAE Ti0.5Al0.5N coatings deposited at UB = 40 V (solid
symbols) and UB = 80 V (open symbols). The solid lines are the
linear ﬁts according to Eq. [2] that were used for calculation of the
stress-free lattice parameters, lattice strains, and residual stresses
summarized in Table I.
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a ¼ a? þ ajj  a?
 
sin2 w ½2
the out-of-plane (a^) and the in-plane (a||) lattice
parameters were calculated. These quantities were fur-
ther used for calculation of the stress-free lattice
parameter,
a0 ¼ a? þ 2mm þ 1 ajj  a?
  ½3
for calculation of the ‘‘macroscopic’’ lattice strain
caused by the residual stress,[35]
e ¼ ajj  a?
2a0
½4
and for calculation of the residual stress itself:





The values of the preceding parameters are summarized
in Table I, as calculated for the Poisson ratio m = 0.3
and for the Young modulus E = 500 GPa.[36] Although
the Young’s modulus of the samples was veriﬁed by
nanoindentation measurements, the value of the residual
stress is still much less reliable than the value of the
macroscopic lattice strain, which is determined almost
directly from the XRD data. The only parameter that is
needed to calculate the stress-free lattice parameter
and the macroscopic lattice strain is the Poisson ratio
(Eqs. [2] through [4]).
Within the experimental accuracy, the stress-free
lattice parameter of the Ti0.5Al0.5N coating deposited
at UB = 40 V (ﬁlled circle in Figure 4) agrees with the
lattice parameter calculated from Eq. [1] for x = 0.5
(solid line in Figure 4). The high stress-free lattice
parameter of the Ti0.5Al0.5N coating deposited at
UB = 80 V (open circle in Figure 4) indicates that
the fcc-(Ti, Al) N phase present in the sample contains
less aluminum than corresponds to the overall chemical
composition [Ti]/([Ti]+ [Al]) = 0.5. A possible expla-
nation is that aluminum, which is missing in fcc-(Ti, Al)
N, forms another phase.[17] According to Eq. [1], the
stress-free lattice parameter a0 = (0.4198 ± 0.0002) nm
measured in the Ti0.5Al0.5N coating deposited at
UB = 80 V (Table I) corresponds to the aluminum
contents of 31 at. pct in the fcc phase, i.e.,
Ti(0.69±0.02)Al(0.31±0.02)N (cf. Figure 4). Assuming that
the other phase in the sample is aluminum nitride, the
phase composition of this coating can be estimated to be
(72 ± 2) mol pct fcc-Ti(0.69±0.02)Al(0.31±0.02)N and
(28 ± 2) mol pct AlN.
The presence of AlN in the coating deposited at
UB = 80 V was conﬁrmed by the fast fourier trans-
formation (FFT) of selected regions in the HRTEM
micrographs (Figure 5). From the interplanar spacings
and from the angles between the lattice planes obtained
from the FFT/HRTEM patterns (insets in Figure 5),
it could be concluded that this coating contains fcc-
(Ti, Al) N, as already proven by XRD, and w-AlN. In
addition, the analysis of the FFT/HRTEM patterns
revealed the following orientation relationship between






(both vectors lie in the direction of
the primary electron beam) and 111
 
TiN
jj 0002ð ÞAlN (the
normal vectors to the lattice planes lie in the plane of the
HRTEM micrograph). The lattice misﬁt calculated for
this orientation relationship between fcc-(Ti, Al) N and
w-AlN and for the lattice parameters a = 0.4198 nm
(measured stress-free lattice parameter of fcc-(Ti, Al) N;
Table I and Figure 4) and a = 0.3111 nm and
c = 0.4978 nm (lattice parameters of w-AlN taken
from Reference 32) is equal to
e1 ¼ 2
a wð Þ  a fccð Þ ﬃﬃﬃ2p







Table I. Basic Structural and Mechanical Characteristics of the Thin Films
Characteristics UB = 40 V UB = 80 V
Stress-free lattice parameter, a0 (0.4165 ± 0.0002) nm (0.4198 ± 0.0003) nm
Macroscopic lattice strain, e (2.1 ± 0.3) 9 103 (6.5 ± 0.5) 9 103
Residual stress, r (1.7 ± 0.2) GPa (5.0 ± 0.4) GPa
Crystallite size (6.9 ± 0.5) nm (4.0 ± 0.2) nm
Hardness, HIT (29.7 ± 0.8) GPa (34.2 ± 0.9) GPa






















Fig. 4—Comparison of the stress-free lattice parameters from
Table I with the Vegard-like dependence from Eq. [1]. The Vegard-
like dependence of the stress-free lattice parameter on the
[Ti]/([Ti]+ [Al]) ratio in the coatings is plotted by the solid line. The
symbols represent the stress-free lattice parameters of the coatings
deposited at UB = 40 V (solid circle) and UB = 80 V (open
circle). According to Eq. [1], the lattice parameter of (0.4198 ±
0.0002) nm corresponds to [Ti]/([Ti]+ [Al]) = (0.69 ± 0.02) in
fcc-Ti1xAlxN.
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e2 ¼ 2
c wð Þ=2 a fccð Þ ﬃﬃﬃ3p
c wð Þ=2þa fccð Þ ﬃﬃﬃ3p  0:027 ½7
as calculated from the diﬀerence in the interplanar
spacings d0002(w-AlN) and d111(fcc-(Ti, Al) N). In both
cases, the lattice misﬁt is positive. This means that the
current orientation relationship between fcc-(Ti, Al) N
and w-AlN and the preceding lattice parameters of these
phases cause an expansion of the elementary cell of fcc-
(Ti, Al) N and a compression of the elementary cell of
w-AlN. The lattice expansion of fcc-(Ti, Al) N could
cause compressive residual stress in this phase, if the in-
plane expansion of the fcc-(Ti, Al) N crystallites is
constrained by the adhesion of the coating to the
substrate[37] or if the fcc-(Ti, Al) N/w-AlN interfaces
form preferentially in the perpendicular direction to the
substrate. Another possible result of the lattice misﬁt
between fcc-(Ti, Al) N and w-AlN is an inhomogeneous
local lattice deformation that is responsible for a part of
the XRD line broadening, as discussed later in this
section. Because of the dependence of the stress-free
lattice parameter in fcc-Ti1xAlxN on the aluminum
contents (Eq. [1]), the lattice misﬁt between fcc-(Ti, Al)
N and w-AlN decreases if Al segregates from fcc-(Ti, Al)
N (Eqs. [6] and [7]). However, the lattice misﬁt at the
fcc-(Ti, Al) N/w-AlN interfaces is not the sole source of
residual stresses. A certain level of the intrinsic residual
stress was already observed in the single-phase
Ti0.5Al0.5N coating deposited at UB = 40 V (Table I).
The XRD line broadening (Figure 6) shows features
that are frequently observed in compact nanocrystalline
materials,[17–19,34] i.e., an increase at low diﬀraction
vectors and almost no change at high diﬀraction vectors.
The reason for such departure from the well-known
linear Williamson–Hall dependence[38] is the partial
coherence of nanocrystallites with small mutual misori-
entations. As explained in References 39 and 40, the
partial coherence of nanocrystallites can be described by
a partial overlap of the extremely broadened reciprocal
lattice points from adjacent nanocrystallites. The over-
lapping reciprocal lattice points from these adjacent,
partially coherent nanocrystallites get narrower, which is
observed as a reduction of the XRD line broadening. The
reduction of the XRD line broadening depends both on
the distance between the partially coherent nanocrystal-
lites and on the amount of the overlap of the reciprocal
lattice points. Generally, the XRD line broadening
increases with increasing diﬀraction vector, while the
reciprocal lattice points from adjacent nanocrystallites
overlap each other.[39,40] At high diﬀraction vectors, the
overlap of the reciprocal lattice points disappears. Thus,
the width of the XRD lines is not reduced, but remains
constant. In this range of the diﬀraction vectors, the
nanocrystallites appear in their true size for the XRD
experiments. From the maximum line broadening
(almost constant part of the line broadening in Figure 6),
the crystallite sizes of (6.9 ± 0.5) nm and (4.0 ± 0.2) nm
were calculated for the coatings deposited at UB = 40
and 80 V, respectively.
B. Lattice Strain in fcc-(Ti, Al) N Nanocrystallites
In analogy with the classical theory of the XRD line
broadening,[41,42] the extrapolation of the angular
dependent (low-angle) part of the XRD line broadening
to the zero diﬀraction vector, q = 4p sin h/k = 0, can
be used for determination of the average size of
clusters of partially coherent crystallites, as described
in Reference 40. However, the extrapolated line broad-
ening was equal to zero within experimental accuracy
for the coatings under study. Therefore, it only can be
said that the size of the clusters of partially coherent
nanocrystallites exceeded the maximum size of the
Fig. 5—HRTEM micrograph of an interface between fcc-(Ti, Al) N
(region a) and w-AlN (region b) taken in the coating deposited
at UB = 80 V. The assignments of the phases and their mutual
orientation relationships were performed with the aid of the
FFT/HRTEM patterns (insets).

















Fig. 6—Dependence of the integral breadth of XRD lines on the
modulus of the diﬀraction vector (4p sin h/k) as obtained from
the ﬁtting of the XRD lines measured in the coatings deposited
at UB = 40 V (solid circles) and UB = 80 V (open circles). The
solid lines are the respective ﬁts (the text provides more details).
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objects accessible by XRD experiments. TEM in dark-
ﬁeld mode (Figure 7) revealed the cluster size over
100 nm. Furthermore, the transmission electron micro-
graph from Figure 7 conﬁrms the existence of the
nanocrystallites, which are visible via fragmentation of
the cluster.
Whereas no signiﬁcant diﬀerence in the cluster size
was observed between the coatings deposited at diﬀerent
bias voltages, a large diﬀerence between the coatings
was observed regarding the slopes of the line broadening
at low diﬀraction vectors (Figure 6). The increase of the
line width is much smaller in the coating deposited
at UB = 40 V than in the coating deposited at
UB = 80 V. The respective slopes of the plots are
(1.66 ± 0.19) 9 103 and (4.9 ± 0.6) 9 103, which
would correspond to the apparent microstrains of
(5.2 ± 0.6) 9 103 and (15.4 ± 1.8) 9 103, as calcu-
lated using the Williamson-Hall method.[38] However, a
direct classiﬁcation of the origin of this apparent
microstrain from the XRD line broadening is diﬃcult,
because the increase of the line broadening with
increasing diﬀraction vector has at least two reasons.
The ﬁrst one is related to the diﬀerent speeds of the
decay of the partial coherence with increasing diﬀraction
vector for crystallites having diﬀerent kinds of mutual
misorientation, because the slope of the dependence of
the line broadening on the modulus of the diﬀraction
vector (q) depends on the number of simultaneously
coherent crystallites.[39] The more crystallites are simul-
taneously (partially) coherent, the lower is the increase
of the line broadening with the diﬀraction vector.
In general, many nanocrystallites are partially coherent
if they are mutually ‘‘zigzag’’ misoriented; only a few
nanocrystallites are partially coherent if their mutual
misorientations accumulate over the distance.[40] As the
line broadening is constant in the range of high
diﬀraction vectors, the slope of the dependence of the
line broadening on the modulus of the diﬀraction vector
inﬂuences directly the height of a ‘‘jump’’ in the line
broadening between the angular-dependent and the
angular-independent parts (cf. Figure 6). The second
possible reason for the additional broadening of XRD
lines is an inhomogeneous variation of the interplanar
spacing as caused by local lattice strains. These lattice
strains can be caused by nonuniformly distributed
aluminum atoms, by dislocations and dislocation struc-
tures,[19,43] and by the lattice misﬁt between fcc-(Ti, Al)
N and w-AlN, as discussed previously.
C. Thermally Activated Changes in the Microstructure
of the Coatings
Subsequently, the as-deposited samples were sub-
jected to in-situ HT-GAXRD. The following diﬀerences
in the microstructure of the CAE coatings deposited at
UB = 40 and UB = 80 V were regarded as being
important for the behavior of the coatings at high
temperatures.
(1) The phase composition of the coatings: Ti0.5Al0.5N
deposited at UB = 40 V contained a single crys-
talline phase, whereas Ti0.5Al0.5N deposited at
UB = 80 V was a nanocomposite containing
fcc-(Ti, Al) N and w-AlN with a strong mutual ori-
entation relationship between the crystalline phases.
(2) The residual stress and the local lattice strain: the
residual stress in the single-phase coating
(Ti0.5Al0.5N deposited at UB = 40 V) was much
lower than the residual stress in the dual-phase
coating (Ti0.5Al0.5N deposited at UB = 80 V,
Table I). The lattice misﬁt between fcc-(Ti, Al) N
and w-AlN in the dual-phase coating is expected
to generate additional local lattice strain at the
phase boundaries.
(3) The crystallite size: the dual-phase coating con-
tained smaller nanocrystallites than the single-
phase coatings.
The dual-phase nature of the CAE Ti0.5Al0.5N coat-
ings deposited at UB = 80 V together with the higher
residual stress and the smaller crystallite size in the fcc
phase were the reasons for the higher hardness of these
coatings as compared with the coatings deposited at
UB = 40 V (Table I). In our former studies,[17–19] we
observed analogous correlations between the micro-
structure parameters, i.e., the increase of the residual
stress and the reduction of the crystallite size in dual-
phase coatings, for CAE (Ti, Al) N coatings with
diﬀerent aluminum contents that were deposited at
the constant bias voltage of 75 V. Also in that case, the
increase of the residual stress and the reduction of the
crystallite size in dual-phase coatings led to the increase
of the hardness.
The analysis of in-situ HT-GAXRD patterns was
done concurrently using the line proﬁle ﬁtting and the
Rietveld analysis. The most important parameters
Fig. 7—TEM micrograph (dark-ﬁeld mode) of one cluster of
partially coherent crystallites from the CAE Ti0.5Al0.5N coating
deposited at UB = 80 V. For this coating, GAXRD revealed the
average crystallite size of ~4 nm.
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obtained from the line proﬁle ﬁtting are the positions
and integral breadths of diﬀraction lines. From these
parameters, the stress-free lattice parameters, the mac-
roscopic lattice strains, and the apparent microstrains
were calculated using the approaches described in
Sections A and B. The Rietveld analysis of the in-situ
measured HT-GAXRD patterns was performed with
the aid of the computer code MAUD.[44] The most
important result of the Rietveld analysis was the
information about the phase composition of the coat-
ings during their thermal treatment. Furthermore, the
Rietveld analysis using MAUD conﬁrmed the results of
the line proﬁle ﬁtting: the stress-free lattice parameters
and the macroscopic lattice strains calculated using the
alternative methods were identical within their experi-
mental accuracy. The apparent microstrains were not
compared as the model of partial coherence of neigh-
boring crystallites is not implemented in MAUD.
The in-situ HT-GAXRD measurements have shown
that the coating deposited at UB = 40 V contains fcc-
(Ti, Al) N as a single crystalline phase up to 933 K
(660 C) (Figure 8). The change of the stress-free lattice
parameter of fcc-(Ti, Al) N (Figure 9) is caused by
the thermal expansion in this temperature range. Still,
the changes of the macroscopic (e) and microscopic
(e) lattice strains (Figure 9) indicate a change in the
defect structure. In analogy to the results published in
Reference 19, the concurrent increase of e and decrease
of e between the room temperature and 723 K (450 C)
can be explained by the movement of microstructural
defects (e.g., dislocations) and by the formation of
networks of such defects. At 933 K (660 C), the
networks of defects responsible for the macroscopic
lattice strain disbanded almost completely, as can be
seen on the almost complete relaxation of the macro-
scopic lattice strain (Figure 9(b)). The cooling of the
sample from 933 K (660 C) to 383 K (110 C) has no
eﬀect on the defect structure (Figures 9(b) and (c)), but
only on the stress-free lattice parameter that decreased
upon cooling (Figure 9(a)). However, the stress-free
lattice parameter measured after cooling at 383 K
(110 C) is smaller than the stress-free lattice parameter
measured in the as-deposited sample at 303 K (30 C)
(Figure 9(a)), although the thermal expansion should
not play a role in this temperature range. A reason for
this reduction of the size of the elementary cell can be
the disappearance of point defects, e.g., interstitial
atoms, or a local rearrangement of Al atoms.
At 1158 K (885 C), fcc-AlN and a small amount of
w-AlN grew in the coating deposited at UB = 40V at
the expense of fcc-(Ti, Al) N (Figure 8). In the begin-
ning, the phase segregation was accompanied by an
increase of the microstrain (Figure 9(c)). In the course of
the annealing, tensile stress developed in fcc-(Ti, Al) N






















































Fig. 8—Change of the phase composition as observed in the coating
deposited at UB = 40 V during its thermal treatment. Open
symbols denote phase contents that were obtained using Rietveld
analysis for fcc-(Ti, Al) N (boxes), fcc-AlN (circles), and w-AlN
(triangles). Filled boxes stand for the fcc-(Ti, Al) N contents, which
were calculated from the stress-free lattice parameters using Eq. [1],


































































Fig. 9—Change of selected microstructural parameters during the
thermal treatment as observed for the coating deposited at
UB = 40 V: (a) stress-free lattice parameter, (b) macroscopic
lattice strain, and (c) apparent microstrain. For the stress-free lattice
parameters, the error bars are smaller than the symbols. The dashed
line in ﬁgure (a) marks the intrinsic lattice parameter of TiN
(0.4242 nm).
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compressive residual stress that was observed for this
phase in the as-deposited sample (Table I). However,
the tensile stress in fcc-(Ti, Al) N was compensated
by a compressive stress in fcc-AlN; the corresponding
‘‘macroscopic’’ lattice strain in fcc-AlN was e =
(8 ± 2) 9 103, as obtained from the in-situ HT-
GAXRD experiment as well. The high stress-free (and
thermal expansion free) lattice parameter measured in
the coating cooled from 1160 K (887 C) to 383 K
(110 C) (Figure 9(a)) indicates segregation of Al from
fcc-(Ti, Al) N, which was necessary to build fcc-AlN and
w-AlN (Figure 8). According to the stress-free lattice
parameter (Figure 9(a)), the coating contains after
cooling from 1160 K (887 C) to 383 K (110 C)
approximately 43 mol pct aluminum nitrides (fcc-AlN
and w-AlN) as complementary phases to fcc-(Ti, Al) N
(compare Figure 8). The discrepancy between the phase
composition as calculated from the intensities of the
diﬀraction lines (open symbols in Figure 8) and the
contents of fcc-(Ti, Al) N as obtained from the stress-
free lattice parameter (solid box in Figure 8) at 383 K
(110 C) indicates that some aluminum atoms are
located outside the crystalline phases or outside the
regular lattice sites. Such atoms act as structure defects
that raise the lattice strains (Figures 9(b) and (c)).
Further heating to 1413 K (1140 C) and the ﬁnal
cooling to 363 K (90 C) led to a further phase
decomposition (Figure 8) and to the relaxation of
the macroscopic and microscopic lattice strains
(Figures 9(b) and (c)). The second dominant crystalline
phase was w-AlN. At the end of the thermal treatment,
the coating consisted of 50 mol pct fcc-TiN, which
contained no Al, as conﬁrmed by the stress-free lattice
parameter, and nearly 50 mol pct w-AlN.
The high-temperature behavior of the CAE
Ti0.5Al0.5N coatings deposited at UB = 80 V diﬀers
signiﬁcantly from the high-temperature behavior of the
coatings deposited at UB = 40 V (compare Figures 8
through 11). The increase of the stress-free lattice
parameter with increasing temperature up to 933 K
(660 C) is lower than expected solely for the thermal
expansion, which was estimated from the change of the
stress-free lattice parameter in the single-phase coating
(Figure 9(a)). On the contrary, the decrease of the stress-
free lattice parameter upon cooling from 933 K (660 C)
to 393 K (120 C) is high (Figure 11(a)). Thus, the
stress-free lattice parameter at 393 K (120 C) is signif-
icantly lower than the stress-free lattice parameter
measured in the as-deposited sample at 294 K (21 C).
Both phenomena indicate that aluminum is incorpo-
rated into the crystal structure of fcc-(Ti, Al) N in the
temperature range up to 933 K (660 C). Assuming that
this aluminum comes from aluminum nitrides present in
the as-deposited sample (approximately 28 mol pct;
Section A), the amount of fcc-(Ti, Al) N in the coating
deposited at UB = 80 V would increase from (72 ± 2)
mol pct in the as-deposited state to (90 ± 4) mol pct
after heating to 933 K (660 C) and cooling to 393 K
(120 C) (ﬁlled symbols in Figure 10). As no diﬀraction
lines from w-AlN were observed in the HT-GAXRD
diﬀraction patterns up to 933 K (660 C), we suppose
that w-AlN grows hetero-epitaxially on fcc-(Ti, Al) N
between room temperature and 933 K (660 C), as was
described in Section A. The integration of aluminum into
the crystal structure of fcc-(Ti, Al) N runs simultaneously
with the diﬀusion of other microstructure defects. As for
the coating deposited at UB = 40 V, the increase of the
macroscopic lattice strain between the room temperature
and 723 K (450 C) observed in the coating deposited at
UB = 80 V (Figure 11(b)) can be explained by the
formation of defect networks during the movement of
the microstructure defects. The incorporation of Al into
the crystal structure of fcc-(Ti, Al) N is probably
responsible for the slight increase of the local (micro-
scopic) lattice strain between the room temperature
and 723 K (450 C) (Figure 11(c)). Temperatures over
723 K (450 C) lead to the relaxation of macroscopic
and microscopic lattice strains (Figures 11(b) and (c)). A
temporary increase of the macroscopic lattice strain was
only observed in conjunction with the decomposition of
the coating into fcc-TiN and w-AlN above 1163 K
(890 C) (compare Figures 10 and 11(b)). As the amount
of fcc-AlN was negligible in this case (Figure 10), the
residual stress in fcc-(Ti, Al) N was compressive.
IV. DISCUSSION
The preceding results (Section III–C) showed clearly
the inﬂuence of the microstructure of the cathodic arc
evaporated nanocrystalline coatings with the chemical
composition Ti0.5Al0.5N on their thermal stability. In this
study, the microstructure of the coatings was controlled
solely by the bias voltage. The Ti0.5Al0.5N coatings
deposited at a lower bias voltage (UB = 40 V)


































Fig. 10—Change of the phase composition as observed in the
coating deposited at UB = 80 V during its thermal treatment.
The meaning of the symbols is the same as in Fig. 8.
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N, that was under a low intrinsic compressive residual
stress. In the Ti0.5Al0.5N coatings deposited at a higher
bias voltage (UB = 80 V), nanocrystalline w-AlN was
found as a minor crystalline phase that grew with a
strong orientation relationship to the dominant fcc-
(Ti, Al) N. The presence of w-AlN in the coatings led to a
considerable increase of the lattice strains. Both the
macroscopic and the microscopic lattice strains increased
about 3 times, when the bias voltage was increased from
40 to 80 V. Furthermore, the increase of the bias
voltage caused a reduction of the crystallite size by more
than 40 pct. The presence of a second phase and the
smaller crystallite size in the Ti0.5Al0.5N coatings depos-
ited at UB = 80 V are two phenomena that indicate a
limited mobility of the deposited atoms. The limited
mobility of the metallic atoms aﬀects directly their
distribution in the coatings, as illustrated in Reference
45. The nonuniform distribution of Ti and Al in the
(Ti, Al) N coatings leads to a ‘‘fragmentation’’ of the
deposited coatings (Figure 7) and to the development of
lattice strains (Table I; Figures 3, 6, 9, and 11).
As shown in Section III–A, the lattice misﬁt between
fcc-(Ti, Al) N and w-AlN or fcc-AlN can be regarded as a
very important additional source of the lattice strain,
which accompanies the intrinsic lattice strain that is
usually observed in the single-phase coatings. The lattice
misﬁt at the fcc-(Ti, Al) N/w-AlN interface, which was
calculated according to Eqs. [6] and [7] for the observed
orientation relationship, causes lattice expansion in fcc-
(Ti, Al) N and lattice contraction in w-AlN. The expected
lattice strains change considerably if aluminum nitride
is present in its cubic modiﬁcation. Assuming that fcc-
(Ti, Al) N and fcc-AlN have the same local crystallo-
graphic orientation at their interface,[28,46] the diﬀerence
of their lattice parameters leads to a lattice misﬁt, which
causes lattice contraction in fcc-(Ti, Al) N and lattice
expansion in fcc-AlN. In samples consisting of fcc-
(Ti, Al) N and w-AlN with a strong mutual orientation
relationship, i.e., in Ti0.5Al0.5N deposited atUB =80 V
and heated to 723 K (450 C), considerable compressive
residual stress in fcc-(Ti, Al) N was observed. In samples
containing coherent fcc-(Ti, Al) N and fcc-AlN, i.e., in
Ti0.5Al0.5N deposited at UB = 40 V and heated to
1158 K (885 C), fcc-(Ti, Al) was under tensile stress and
fcc-AlN under compressive stress.
The presence of macroscopic residual stresses
indicates a strong dependence of the mechanical inter-
action between the phases at their interfaces on the
macroscopic direction. A possible interpretation of this
experimental result is that the fcc-(Ti, Al) N/w-AlN or
the fcc-(Ti, Al) N/fcc-AlN interfaces grow perpendicu-
larly to the substrate. Such a growth would be a plausible
consequence of the limited surface mobility of the atoms
during the deposition process discussed previously. For
the fcc-(Ti, Al) N/w-AlN interfaces laying perpendicular
to the sample surface, the lattice expansion in fcc-(Ti, Al)
N would reach its maximum in the sample surface
perpendicular direction, which is interpreted as com-
pressive residual stress within the sin2w method (Section
III–A). For the same reason, the lattice compression in
fcc-(Ti, Al) N and the lattice expansion in fcc-AlN at
their interfaces look like tensile stress in fcc-(Ti, Al) N
and compressive stress in fcc-AlN, respectively, if the
interfaces lie perpendicular to the substrate.
The lattice strains, which arise at the phase bound-
aries and in the vicinity of other microstructural defects,
aﬀect seriously the hardness of the (Ti, Al) N coatings at
high temperatures. The temperature dependence of the
hardness of the (Ti, Al) N coatings is usually measured
ex situ on annealed samples and is shown for two limit
cases (e.g., References 5, 6, 12, and 16), i.e., for
nonoptimized TiN coatings, in which the hardness
decreases steadily above approximately 673 K (400 C),
and for optimized coatings such as Ti0.34Al0.66N, in
which the hardness shows a maximum between 1073 K
(800 C) and 1223 K (950 C). Our results obtained on
the Ti0.5Al0.5N coatings deposited at UB = 40 V
conﬁrm that the hardness maximum at high tempera-
tures is related to the formation of the fcc-(Ti, Al)
N/fcc-AlN nanocomposites with coherent interfaces
between fcc-(Ti, Al) N and fcc-AlN nanocrystallites.
The lattice misﬁt at these interfaces is an important
source of lattice strains, which are responsible for
enhancement of the hardness of the coatings.
The comparison of the macroscopic and microscopic
strains with the amount of fcc-AlN in the coating
deposited at UB = 40 V shows a slight delay of the












































Fig. 11—Change of selected microstructure parameters during the
thermal treatment as observed for the coating deposited at
UB = 80 V: (a) stress-free lattice parameter, (b) macroscopic
lattice strain, and (c) apparent microstrain. For the stress-free lattice
parameters, the size of the error bars is comparable with the size of
the symbols. The dashed line in (a) marks the intrinsic lattice param-
eter of TiN (0.4242 nm).
METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 42A, MARCH 2011—567
at ~1158 K (885 C) in comparison with the amount of
fcc-AlN (Figure 8) and with the increase of the micro-
scopic strain (e from Figure 9(c)). This phenomenon can
be explained by a gradual rearrangement of Al atoms.
At the beginning, the rearrangement of Al atoms is
visible as microstrain only, because the diﬀusing Al
atoms behave almost like lattice defects. Thus, they
cause the apparent local lattice strain. A part of the Al
atoms forms fcc-AlN, but it is still not visible directly
in the XRD patterns for a similar reason that was
discussed previously for w-AlN (Section III–A).
Later on, the volume of fcc-AlN and the diﬀerence in
the lattice parameters of fcc-AlN and fcc-(Ti, Al) N
becomes suﬃcient to be seen by XRD (Figure 8). A
further growth of fcc-AlN is responsible for the
observed increase of the macroscopic lattice strain.
The heating of the samples to 1413 K (1140 C) led to
the formation of w-AlN instead of fcc-AlN, to the
transformation of fcc-AlN into w-AlN, to a further out-
diﬀusion of Al from fcc-(Ti, Al) N, and to a full
relaxation of the lattice strains (Figure 9). The conse-
quence of these processes is a rapid decrease of the
hardness of the coatings, as reported in the literature.
In a similar manner, the changes of the microstructure
parameters can be discussed for the CAE Ti0.5Al0.5N
coatings deposited at UB = 80 V. As controlled by
the high macroscopic and microscopic lattice strains
(Figure 11) caused by the presence of w-AlN (Figures 4
and 5), the hardness of such fcc-(Ti, Al) N/w-AlN
nanocomposites in the as-deposited state is quite high
(Table I). As the lattice strains increase at 723 K
(450 C) (Figure 11), even a further increase of the
hardness in this temperature region is expected. How-
ever, a further increase of the temperature leads to a
temporary incorporation of Al atoms (probably from
w-AlN) into fcc-(Ti, Al) N (Figure 11(a) and the solid
boxes in Figure 10) and to a gradual relaxation of the
lattice strains (Figures 11(b) and (c)). Only a very low
amount of fcc-AlN was observed at 1163 K (890 C)
(Figure 10), as this phase transformed into w-AlN very
quickly. Also, the out-diﬀusion of Al from fcc-(Ti, Al) N
was very fast. Already at 1163 K (890 C), the decom-
position of fcc-(Ti, Al) N into fcc-TiN and w-AlN was
nearly completed (Figure 10). A typical consequence of
these processes is a decrease of the hardness already at
medium temperatures.
The preceding correlation between the presence of
fcc-AlN, the increase of the residual stresses, and the
local lattice strains can also be discussed from the point
of view of the interplay between the lattice misﬁt at the
fcc-(Ti, Al) N/w-AlN or fcc-(Ti, Al) N/fcc-AlN inter-
faces and the diﬀusion kinetics. As follows from Eqs. [1],
[6], and [7], the lattice misﬁt between fcc-Ti1xAlxN and
w-AlN decreases with decreasing Al contents in fcc-
(Ti, Al) N. Consequently, the out-diﬀusion of Al from
fcc-(Ti, Al) N and the decomposition of fcc-(Ti, Al) N
into fcc-TiN and w-AlN are assumed to be accelerated
at the fcc-(Ti, Al) N/w-AlN interfaces, because the
separation of elements reduces the lattice misﬁt between
fcc-(Ti, Al) N and w-AlN. On the contrary, the out-
diﬀusion of Al from fcc-(Ti, Al) N into fcc-AlN (at the
fcc-(Ti, Al) N/fcc-AlN interfaces) is assumed to be
retarded, as the reduction of aluminum contents in
fcc-(Ti, Al) N would increase the lattice misﬁt between
fcc-(Ti, Al) N and fcc-AlN. These assumptions were
conﬁrmed experimentally. The dual-phase Ti0.5Al0.5N
coatings containing w-AlN in the as-deposited state
decomposed earlier than the single-phase coatings
containing only fcc-(Ti, Al) N. Particularly, the temper-
ature-induced growth of fcc-AlN in originally single-
phase coatings seems to delay the decomposition of
fcc-(Ti, Al) N into fcc-TiN and w-AlN.
V. CONCLUSIONS
Based on the results of detailed microstructural
analysis, we explained how the microstructure of the
CAE Ti0.5Al0.5N coatings deposited at diﬀerent bias
voltages inﬂuences their hardness and thermal stability.
The bias voltage was found to aﬀect the mobility of the
metallic atoms during the deposition process and,
consequently, their distribution in the as-deposited
samples. The increase of the bias voltage from 40 to
80 V decreased the mobility of the atoms and
increased the local ﬂuctuations in the concentration of
the metallic species. In general, such local ﬂuctuations of
the chemical composition in the coatings were identiﬁed
as a reason for the formation of local lattice strains
(microstrains) and as an origin of the phase segregation.
One consequence of the limited mobility of the depos-
ited atoms at UB = 80 V was the presence of w-AlN
as a second crystalline phase in the CAE Ti0.5Al0.5N
coatings. As the irregular distribution of the metallic
atoms is one of the phenomena that are responsible for
the formation of lattice strains, it improves the hardness
of the coatings at low and medium temperatures. On the
contrary, a highly irregular distribution of the atoms
promotes the formation of AlN with the wurtzitic
crystal structure, the presence of which accelerates the
decomposition of fcc-(Ti, Al) N into fcc-TiN and
w-AlN, the relaxation of the lattice strains, and ﬁnally
the degradation of the hardness at high temperatures.
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